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Abstract

Zirconium alloys present a large variability of their mechanical behaviour with respect not only to their chemical
composition but also to their microstructure. We analyze here the creep behaviour at 400 °C of two Zr—-Nb1%-O alloys
presenting identical chemical composition, crystallographic texture, grain size and grain shape. Both alloys only differ
by the thermal cycles imposed during the fabrication process, either below (alloy A) or alternatively above and below
(alloy B) the monotectoid transition. This sole difference gives rise to creep rates varying by a factor of about 4 between
the two alloys. From a microstructural point of view, alloys A and B differ by the precipitates distribution and the
thermodynamical state (alloy B is in a metastable equilibrium state). Our experimental analysis based on mechanical
tests, transmission electron microscopy (TEM) observations and phase analysis by X-ray diffraction strongly suggests
an hardening effect of Nb in solid solution to explain the differences between alloys A and B. This result is confirmed by
TEM X-ray spectrometry which gives a weight content of Nb in solid solution differing by about 0.1% between the two
alloys. A predictive micromechanical model, based on the self-consistent affine scheme, is then applied. This model well
captures the anisotropy of the specimens, and describes accurately both transient and secondary creep regimes. As a
result of the identification procedure, identical hardening laws are obtained for the two alloys at the grain scale, and the
saturating reference stress for prismatic slip is found to be higher for alloy B by about 30 MPa with respect to alloy A.
© 2002 Elsevier Science B.V. All rights reserved.

1. Introduction

Zirconium alloys, which are widely used in the nu-
clear industry especially as cladding tubes and guide
tubes for pressurized water reactors, can present a
variability of their thermomechanical behaviour (e.g.
thermal creep) as a function not only of the chemical
composition but also of the microstructure. For a better
control of the mechanical behaviour of the actual alloys,
but also to take into account the evolution of the in-

* Corresponding author. Address: LPMTM-CNRS, Univer-
sité Paris-Nord, 93430 Villetaneuse, France. Tel.: +33-1 49 40
34 68; fax: +33-1 49 40 39 38.

E-mail address: rb@galilee.univ-paris13.fr (R. Brenner).

dustrial elaboration processes (chemical composition,
thermal treatments, etc.), different studies have been
engaged, for instance [1,2], to build a predictive model-
ling aiming at a precise description of the relationship
between microstructure and effective mechanical be-
haviour. Following recent studies [3] on the optimization
of the M5™ cladding tubes made of ternary alloy (Zr—
Nb-0), this paper deals with the understanding of the
influence of the microstructure on the thermal creep
behaviour of Zr-Nb1%-O alloys at 400 °C. We have
worked on fully annealed cladding tubes issued from the
same ingot (i.e. same chemical composition) but elabo-
rated using two different thermomechanical treatments
which mainly differ by the time spent above the mono-
tectoid transformation (620 °C). These two thermome-
chanical treatments give rise to two different types of
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microstructure which apparently mainly differ by the
spatial repartition of precipitates. The two alloys are
found to exhibit significantly different viscosities under
creep loading. Based on an experimental analysis cou-
pled with an homogenization approach, this study con-
tributes (i) to analyze and understand the observed
differences on the mechanical behaviour and (ii) to es-
tablish a predictive modelling of the thermal creep,
based on a physically relevant averaged constitutive re-
lation at the grain scale and an accurate scale-transition
scheme.

2. Investigated material
2.1. Elaboration

The products used for this study are Zr-Nb1%-O
cladding tubes. All tubes are issued from the same ingot
(i.e. same chemical composition, Table 1) and were ob-
tained with identical cold-rolling operations (i.e. identi-
cal number of passes and reduction ratio). They only
differ by the intermediate heat treatments performed
during the cold-rolling process. According to the Zr-Nb
phase diagram [4], a monotectoid transformation
B-Zr < o-Zr 4 B-NDb takes place at about 620 °C, where
B-Zr and B-Nb are body centered cubic (bcc) phases
respectively rich in Zr (~80%) and Nb (~90%) whereas
a-Zr is an hexagonal close-packed (hcp) phase contain-
ing up to 0.6 wt% niobium. These different phases do
not involve other chemical elements than Zr and Nb.
Note that the a-Zr phase exists up to ~863 °C. It is
thus possible to perform the intermediate recrystal-
lization treatments either in the ‘high-temperature’ do-
main (o-Zr + B-Zr) or in the ‘low-temperature’ domain
(o-Zr 4+ B-Nb). We focused on two particular heat
treatment processes schematically described in Fig. 1. In
one case, all heat treatments are performed below the
monotectoid temperature at 580 °C whereas in the other
case they alternate above and below the monotectoid
plateau. In what follows, the resulting products will be
referred, respectively, as alloy A and alloy B.

2.2. Texture and microstructure

The orientation distribution function, characterizing
the crystallographic texture of the two alloys, has been
calculated from 5 experimental pole figures obtained by
X-ray diffraction using the Cu Ko radiation. As shown

Table 1
Chemical composition of Zr-Nbl1%-O alloy (wt ppm except
where indicated)
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1% 1100 300 <10

Balance

800 T T T T T

750 | azZrtBZr

700 1

T(°C)

650

600 |

550 t

oZr+H3Nb

500 1 1 1 1 1 1 1
0 2 4 6 8 10 12 14 16

(a) Time (h)

Alloy B
800 ‘ : : ALY

oZrH3Zr

550 |

oZr+3Nb

1 1 1

500 ‘
0 2 4 6 8 10

(b) Time (h)

Fig. 1. Intermediate recrystallization heat treatments of Zr—
Nb1%-O alloys during the elaboration process at (a) low- and
(b) mixed-temperature.

in Fig. 2, the two alloys present identical textures which
are characterized by a maximum density of {1120}
poles along the axial direction of the tube (AD) and a
spread of the {0002} poles in the radial-tangential plane
with a maximum density located at about 30° of the
radial direction (RD). This texture corresponds to re-
crystallized tubes obtained with a thickness reduction
greater than the diameter reduction during the cold-
rolling process (i.e. ratio Q > 1, see [9]).
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Fig. 2. Crystallographic texture of the alloys A and B. Pole fig-
ures recalculated with the harmonic method. Density level: 1-1.5—
2... (random units), AD: axial direction, TD: transverse direction.
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Fig. 3. Microstructure of the Zr-Nb1%-O alloys A and B.

The observation of the alloys by optical microscopy
reveals in both cases a homogeneous grain size (a-Zr

phase) of about 5 um. The repartition of the B-Nb
precipitates has been observed using scanning electron
microscopy (Fig. 3). It can be seen that the two materials
differ strongly with respect to the distribution of the -
Nb phase. Alloy A presents a homogeneous repartition
of the precipitate phase due to the heat treatments per-
formed below the monotectoid temperature, which is the
domain of equilibrium between room temperature and
620 °C. On the contrary, alloy B presents an heteroge-
neous distribution of the precipitates which are aligned
along the cold-rolling direction. This can be explained
by the ‘high temperature’ heat treatment in the
o-Zr + B-Zr domain during which the B-Zr phase nu-
cleates on the grain boundaries of the a-Zr phase and is
further retained during cooling. Consequently, the fol-
lowing cold-rolling operation will lead to the alignment
of this phase along the axial (rolling) direction. It can be
noted that these alignments are transgranular aggregates
of precipitates. In both alloys, the precipitates size is
about 50 nm.

3. Influence of the microstructure on thermal creep
behaviour

The creep response of the Zr-Nbl1%-O alloy was
investigated at 400 °C in the low-stress domain (i.e.
below the yield strength). Indeed, these stress-tempera-
ture conditions correspond to the one used industrially
to characterize the out-of-pile creep behaviour. In this
context, the response to an internal pressure loading with
a hoop stress gg9 = 130 MPa was first studied. As re-
ported in Fig. 4, the evolution of the effective hoop
strain during creep clearly indicates a strong dependence
on the microstructure of the material. In the steady-state
regime, alloy B deforms much more slowly and presents
a hoop strain rate as little as four times lower than alloy
A. Note that the same ratio has been obtained for other
stress levels [1], not reported here for brevity. On the
other hand, the stress sensitivity n (n = Alogé/Alogo) is
found identical for the two alloys and equal to 4 in this
low-stress domain. This tends to indicate that the de-
formation mechanisms are the same in both alloys but
that their kinetic strongly differs. We will now investi-
gate which microstructural factor is responsible for these
different behaviours.

3.1. Role of the precipitate distribution

One could first incriminate the different precipitate
distributions to explain the different mechanical behav-
iour. According to this, the morphology of alloy B
being strongly anisotropic, a directional effect of the
microstructural hardening could be expected. Uniaxial
creep tests were thus performed in the axial and hoop
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Fig. 4. Hoop strain evolution during an internal pressure creep
test (7 = 400 °C, ayp = 130 MPa) for alloys A and B.

directions for both alloys. The results reported in Fig. 5
show that the hardening effect is independent on the
loading direction. On the other hand, a ratio of 4 is
still obtained between the steady-state strain rates of
the two alloys, for the two loading directions, i.e. similar
to that obtained for internal pressure loading. It can
thus be concluded that the hardening observed between
both alloys is not due to a morphological effect of the
repartition of the B phase. Furthermore, it must be re-
called that these materials present a pronounced crys-
tallographic texture (Fig. 2). Consequently, owing to the
strong plastic anisotropy of the hcp single crystal (see
for instance [6]), different slip systems will be activated
with varying loading paths. With respect to this obser-
vation, the independence of the strain rate ratio in the
steady-state regime for different loading directions in-
dicates that the observed hardening affects identically
all the slip systems of the crystalline structure. Finally,
tests at different stress levels allowed us to determine the
stress sensitivity n for the two uniaxial loading; a value
of 6 was found for the axial direction and of 5 for the
hoop direction. Obviously, these results imply, for the
single crystal behaviour, different stress sensitivity coef-
ficients for different slip systems.

Following this macroscopic characterization, refined
observations were performed at the dislocation scale to
study the influence of the precipitates distribution on
the dislocation microstructure. Both alloys, after defor-
mation under internal pressure creep tests (plastic strain
less than 5%), were observed by transmission electron
microscopy (TEM). Due to the tubular geometry and
the small thickness (0.6 pm), only thin foils perpendic-
ular to the radial direction could be obtained. Conse-
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Fig. 5. Strain evolution during uniaxial creep tests in (a) the
axial direction (7 = 400 °C, ., = 113 MPa) and (b) the hoop
direction (7 = 400 °C, g¢9 = 160 MPa) for alloys A and B.

quently, with respect to the crystallographic texture,
the plane of the thin foils is close to the basal plane.
Representative dislocation microstructures are reported
in Fig. 6. In both specimens, we observed 2-3 slip sys-
tems per grain. The systems activated are similar in
both alloys, mainly prismatic (P(a)) {1010} (1210) and
pyramidal (a)(IT;(a)) {1011} (1210). Two others slip
systems, namely basal (B{a)){0002}(1210) and pyra-
midal (¢ + a)(TT;(c +a)) {1011} (2113), were observed
sporadically. Besides, no cell structures were observed.
In alloy A, the dislocation density is relatively uniform
and the dislocations are often pinned by the precipitates.
On contrary, in alloy B, the major part of each grain is
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Alloy A

Fig. 6. Dislocation microstructures observed after internal
pressure creep test (7 =400 °C, ag9 = 130 MPa, 1000 h) for
both alloys.

constituted by precipitates-free zones where the dislo-
cation density appears to be lower than in the align-
ments of B-Nb phase. Regarding these observations, a
structural hardening mechanism cannot be invoked to
explain the creep behaviour of Zr-Nb1%—O alloys since
the dislocations interacts mainly with the precipitates in
alloy A. It can thus be deduced that these interactions
are not the mechanism controlling the deformation in
the studied creep regime.

3.2. Role of the solid solution

Following these results, it is necessary to go back to
the differences in the heat treatment process of the two
alloys. As shown above, the main difference is that alloy
B was heat treated in the a-Zr + B-Zr domain during its

elaboration. Recent studies [7] for these different elab-
oration processes have shown that the B-Zr phase has a
very slow transformation kinetic during cooling and can
thus be retained in a metastable state at room temper-
ature, which was also previously reported for other
Zr-Nb alloys [8]. Further heat treatments below the
monotectoid plateau are thus required for the alloy to
recover its equilibrium state. Consequently, the impor-
tant parameter to characterize the thermodynamical
state of the alloy is the cumulated time of heat treat-
ments below the monotectoid temperature since the last
treatment in the o-Zr + B-Zr domain. Fig. 1 indicates
that this cumulated time is 16 h for alloy A whereas it is
only of 2 h for alloy B. Note that, due to the slow pre-
cipitation kinetic of the B-Nb phase especially at low
temperature (7 < 500 °C), this difference of heat treat-
ments is significant, in terms of thermodynamical state,
compared to the duration of a creep test (1000 h) at 400
°C. According to the results obtained in [7], alloy A can
be considered in a quasi-equilibrium state whereas alloy
B is in a metastable state. In other words, due to the
difference in the nature of the B phases in the alloy either
rich in Zr or in Nb and their respective volume fraction,
the two alloys are likely to present at room temperature
different Nb contents in the solid solution of the a-Zr
phase. This last point will now be investigated. Since
small variations of the Nb content of the a-Zr phase are
expected, we tackle this analysis in two ways.

3.2.1. Volume fraction of f-Nb phase

First, the study is focused on the volume fraction of
the B-Nb phase in the two materials. It is expected to be
linked to the Nb content of the o-Zr since an increasing
fraction of B-Nb corresponds to a decreasing Nb content
in the matrix. The volume fraction of B-Nb in both al-
loys in their initial states (i.e. before creep test) has been
investigated by the analysis of the integrated intensity of
an X-ray diffraction peak profile corresponding to the -
Nb phase. Due to the small volume fraction of the B-Nb
phase, we could only study the diffraction peak profile
corresponding to the {110} plane. Nevertheless, it is
reasonable to assume that the precipitates in the mate-
rial do not present a particular crystallographic texture.
Consequently, the study can be restricted to only one
peak. As shown in Fig. 7, the {110}B-Nb line is clearly
defined for alloy A whereas it is quasi undistinguishable
for alloy B. These results confirm the expected difference
in the thermodynamical state. Alloy B is in a metastable
state and, after deconvolution and subtraction of the
background, one obtains a volume fraction of B-Nb
phase 4 times lower than for alloy A. To validate the
relation between the B-Nb volume fraction and the
thermodynamical state of the alloy, a subsequent heat
treatment was made for alloy B (7 = 570 °C during 1000
h) in order to obtain an evolution towards the equilib-
rium state. Fig. 8 shows the evolution of the B-Nb
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Fig. 7. {110}B-Nb peak of the X-ray diffraction spectrum
associated to the initial state of alloys A and B.
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Fig. 8. {I10}p-Nb peak of the X-ray diffraction spectrum as-
sociated to the initial and heat-treated states of alloy B.

content before and after the heat treatment. The increase
of the B-Nb volume fraction confirms the evolution of
alloy B towards an equilibrium state. Nevertheless, the
integrated intensity after the heat treatment remains
lower than the one of alloy A. It can be thought that the
heat treatment was not long enough to attain a ‘real’
equilibrium state. This last remark implies that, ac-
cording to the thermodynamical state, we now have
three different materials (initial alloys A and B and heat-
treated alloy B). An internal pressure creep test was thus
performed on the heat-treated alloy B. Fig. 9 shows the
comparison of the creep responses of the three materials.
It is observed that the heat treatment of alloy B leads to
an increase of the creep strain rate. This emphasizes the
influence of the thermodynamical state of the alloy on its
creep behaviour. Furthermore, combining the X-ray
analysis and the creep responses, it was found that the
logarithm of the steady-state strain rate increases ap-
proximately linearly with the integrated intensity of the
{110}B-Nb diffraction peaks which is proportional to
the B-Nb volume fraction (Fig. 10).

3.2.2. Nb content in o-Zr phase

To assess the link between the Nb content in the o-Zr
phase and the B-Nb volume fraction, a direct analysis of
the Nb content in the matrix was performed by TEM X-
ray spectrometry. The measures were made on different

0.05 T T T T

0.04

0.03 |
Alloy B heat-treated

0.02

Hoop strain

0.01

0 200 400 600 800 1000
Time (h)

000

Fig. 9. Hoop strain evolution during an internal pressure creep
test (7 =400 °C, ayg9 = 130 MPa) for alloys A and B in their
initial state and heat-treated alloy B.
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Fig. 10. Hoop strain rate of Zr—-Nb-1%0 alloy as a function of
the integrated intensity of the {110}p-Nb diffraction peaks.

thin foils randomly taken in the cladding tubes. As
shown in Fig. 11, it was necessary to sum a very large
number of spectra to obtain a stabilized value in both
cases. It is worth noting that the searched difference in
Nb content between the two alloys is likely to be close to
the resolution of the experimental setup (about 0.1%).
Nevertheless, the results reported in Fig. 11 were found
to be reproducible. They indicate an higher Nb content
in the o-Zr phase for alloy B with a difference of about
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Fig. 11. Nb content measured in the o-Zr phase by X-ray
spectrometry as a function of the number of counts for alloys A
and B.

0.1%. It is important to note that such a trend is fully
consistent with the results obtained by the X-ray dif-
fraction analysis of the B-Nb phase. This confirms that a
direct link can be made between the Nb content of the o-
Zr phase and the volume fraction of the B-Nb. At this
point of the experimental analysis, all our results thus
converge to the predominant role of an excess of Nb in
the o-Zr solid solution.

Solid solution hardening can involve mobile or im-
mobile solute atoms interacting with dislocations. To
check this point, uniaxial tensile tests under different
strain rates were performed. As shown in Fig. 12, the
hardening effect strongly depends on the strain rate. The
stress level difference between both alloys increases with
a decrease of the strain rate (equivalent to an increase of
the temperature). This observation excludes the possi-
bility of immobile Nb atoms interacting with disloca-
tions. Indeed, the different models proposed in that
framework by Friedel [9] or Fleisher [10] imply an in-
crease of the hardening effect with an increase of the
strain rate. Furthermore, these models predict an over-
estimated hardening of not more than 20 MPa at 0 K.
Therefore, our results strongly suggest a hardening
mechanism involving mobile solute Nb atoms. The de-
tailed study of this hardening mechanism requires fur-
ther experimental analysis and is beyond the scope of
this paper.

3.3. Synthesis

We have analyzed the influence of the microstructure
on the thermal creep behaviour of Zr-Nb1%-O alloys
presenting varying heat treatment conditions during the
elaboration. It has been shown that this variability in the
process results in a variability in the distribution of the
phase in the material and leads to different thermody-
namical states of the alloy. The following features are
worth to be recalled:
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Fig. 12. Uniaxial response of alloys A and B for tensile tests
along AD performed at (a) é =4 x 1077 s7! and (b) é = 2.5 x
1074 571

o the precipitates distribution is not responsible for the
observed hardening effect. Dislocation—precipitates
interactions are present in the alloy but they do not
constitute the rate controlling deformation mecha-
nism,

o the variation of the steady-state creep strain rate is
correlated to the B-Nb volume fraction and thus to
the Nb content in the o-Zr matrix. This strongly sug-
gests a solid solution hardening mechanism. A differ-
ence about 0.1% of Nb content in the a-Zr phase was
found between the two studied alloys,

o the hardening seems to modify the kinetic of the de-
formation mechanisms but does not change their na-
ture, particularly, no differences were observed on the
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activated slip systems between both alloys for a given
loading path.

Following these experimental observations, an homog-
enization scheme was used to estimate the elastovisco-
plastic response of Zr-Nb1%—-O alloys from their local
behaviour. In the next section, the model is briefly pre-
sented and the results obtained both in terms of local
parameters and prediction of the effective behaviour are
discussed.

4. Elastoviscoplastic micromechanical modelling

The homogenization techniques aim at deriving the
effective behaviour of heterogeneous materials from the
behaviour of their elementary constituents using ap-
propriate average operators. Such an approach is thus
well adapted to deal with the relation between micro-
structure and effective properties. For a comprehensive
discussion of this approach in the framework of poly-
crystals, refer to [11,12].

In the sequel, the Zr-Nb1%-O polycrystals will be
considered as composite materials. Assuming that the
material is made of randomly distributed grains with an
equiaxed shape (i.e. fully recrystallized state), an en-
semble of grains with the same crystallographic orien-
tation defines a phase with a given volume fraction. The
distribution of phases within the polycrystal is assumed
to be close to that considered in the self-consistent
model, i.e. a ‘random distribution’, with a spherical
distribution so that the phase average stress and strain
fields can be calculated by means of the Eshelby inclu-
sion problem [13]. It is worth noting that within this
scheme, stress and strain fields are not assumed to be
homogeneous within the phases, as often written in the
literature. To deal with creep responses, an elastovisco-
plastic behaviour has to be considered for the phases,
and the scale-transition scheme has to be able to retain
the ‘long range memory effect’ associated to the elasto-
viscoplastic coupling that appears in the transient regime
[14]. Without going further into details, we emphasize
that use is made here of an ‘affine-type’ formulation
which respects these requirements and allows a very ef-
ficient numerical resolution. The adopted model is based
on the works of Masson and Zaoui [15] and Pouya
and Zaoui [16], and it is described in details in [17].
The formulation of this approach is briefly recalled in
Appendix A. In the present section, we mainly pay at-
tention to the description of the considered local con-
stitutive behaviour. It is stressed that the elementary
scale at which the local behaviour is defined here is an
ensemble of grains. The local constitutive relation is thus
necessarily phenomenological, independently on its
form, with respect to the dislocation scale at which the
microstructural effects, seen in Section 3, happen.

4.1. Description of the local viscoplastic flow

To describe the dislocation glide in the creep regime
studied, a quite simple power-law type relation is
adopted with an hyperbolic sine dependence as proposed
in [18]. This description is expected to be adapted to our
analysis since it is restricted to one temperature level and
explores a relatively small stress domain. Furthermore,
even if the affine linearization procedure is at present
one of the most elaborated for dealing with elastovi-
scoplastic behaviour, still rather crude approximations
have to be made to obtain (A.3), see [17], so that the use
of a more ‘physically based’ constitutive relation is not
believed to provide more informations concerning the
physical processes of the deformation. For a given slip
system (s), the slip rate y, thus reads

v=v(h(—)) (1)

with 7'22 the reference slip rate, ‘CS the reference shear
stress and #° the stress sensitivity of system (s). The re-
solved shear stress is defined as 7, = R, : 6, where the
Schmid tensor R; = (n; ® m; + m, ® n,)/2 characterizes
the orientation of the slip system (s) (n, and m, are the
unit vectors normal to the slip plane and along the slip
direction). According to the kinematics of plasticity, it
follows:

g=>Y iR, (2)

According to our TEM investigations (Section 3), we
consider four families of slip systems, reported in Table 2.
For each family, a different stress sensitivity »* was cho-
sen to reproduce the variation of the macroscopic stress
exponent for different textures and loading paths, as de-
scribed in Section 3. It is worth mentioning that the ob-
tained values (n*@ = 3, nB® = M@ = phle+a) = 7)Jead
to a physically relevant description of the slip systems
activities [1]. Note that the secondary slip systems present
the highest stress sensitivity. For the reference slip rate,
the value 7° = 5 x 1077 s~! was adopted for all systems.

In order to obtain a correct description of the creep
behaviour, it is required to take into account the intra-
crystalline hardening resulting from the interactions be-
tween the different slip systems. For that goal, the main
difficulty comes from the several possible interactions in

Table 2

Slip systems in Zr alloys
Slip system ng m
P(a) {1010} (1210)
I, (a) {1011} (1210)
B(a) {0002} (1210)
I (c + a) {1011} (2113)
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hexagonal crystals due to the crystalline geometry [19].
A phenomenological law accounting for self-hardening
only leads to an unrealistic description of the behaviour
[20]. An attempt to consider latent hardening has been
made in [21] but results show a rather unrealistic acti-
vation of the secondary slip systems. On the other hand,
the resort to a more ‘physical’ hardening law, like the
one proposed by Essmann and Mughrabi [22] for FCC
polycrystals, though promising, implies too many para-
meters to ensure a proper fitting operation on our ex-
perimental database. Owing to these remarks, we adopt
in the following a phenomenological decription which
captures the essential features of the intracrystalline
hardening, namely the saturation of the reference shear
stresses and the anisotropy of the interactions, similar to
that used in [23] for a Zr-702 alloy. The form of this law,
proposed by Kocks [24], reads

. £t _ 70\ G
2= S ) ol ®)
u u

with
Ou =04 + (1 = 0') 0 4)

The coefficients Hy and ay, describe the hardening kinetic.
ot and 5 are, respectively, the initial and saturating
reference shear stresses of system (1) and O (s # u) is the
latent hardening coefficient between systems (s) and (u)
(@) =1 if s =u). It describes the anisotropy of the
hardening in the material. A latent hardening stronger
than self-hardening corresponds to O > 1 (s # u). It can
be noted that relation (3) reduces to the ‘physical’ law of
Essmann and Mughrabi [22] in the case of single slip
with a,, = 1, Vs, u (see, for instance, appendix of [25]).
To the best of our knowledge, relatively few physical
works have brought quantitative responses to the ques-
tion of the latent hardening in zirconium alloys. To il-
lustrate its complexity, it is worth to mention the work of
Feaugas [26] who determined the result of the interac-
tions between P(a) and I, (a) slip systems (annihilation,
creation of sessile or glissile junctions, etc.). Considering
only these two families of slip leads to nine different in-
teractions, that is nine different latent hardening terms in
the hardening matrix. This would render the fitting
procedure hardly manageable without further physical
informations on these coefficients and it would be quite
difficult to give an interpretation of the obtained values.
As a consequence, a unique coefficient Oy = QY (s # u) is
adopted to describe an average latent hardening in the
material. For identical reasons, a sole nonlinear coeffi-
cient a was chosen.

4.2. Results

The parameters of the local behaviour have been
identified by minimizing the discrepancy between the

experimental macroscopic behaviour and the corre-
sponding predictions of the micromechanical modelling.
For that goal, we have used the ‘Downhill Simplex’
method [27] for which the derivative of the model re-
sponse is not required. Besides, this method easily allows
the minimization to be carried out with some constraints
on the parameters, which are taken here as

Tpy = mint;  with s =TII(a), IT;(c + a), B(a),
Ty < o) < Ty (eta)

QO € [07 3]7

a € [1;3],

)

where the notation * indicates that the condition holds
for both initial and saturating reference shear stresses.
The first condition implies that prismatic slip remains
the easy-glide slip system. The second constraint reflects
qualitatively our experimental TEM observations, i.e. a
larger activation of II;(a) as compared to B(a) and
IT; (¢ + a). The ranges fixed for the parameters Q, and a
result from an analogy with the values usually reported
for FCC polycrystals [28,29] in the absence of other
physically based arguments. It can be remarked that we
do not impose a priori a stronger latent hardening. To
realize the identification of the parameters, the minimi-
zation has been performed using five experimental creep
responses for each material resulting from different
loading paths (axial and hoop tensile loadings, internal
pressure) and stress levels (90-160 MPa).

The comparisons of the model with experimental
macroscopic responses are illustrated in Figs. 13 and 14,
respectively for uniaxial tension and internal pressure. It
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Fig. 13. Axial strain evolution during an uniaxial tensile creep

test along AD (7 = 400 °C, 0., = 113 MPa) for alloys A and B,
simulation (continuous line), experiment (dotted line).
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Fig. 14. Hoop strain evolution during an internal pressure
creep test (7' =400 °C, gg9 = 130 MPa) for alloys A and B,
simulation (continuous line), experiment (points).

can be seen that the creep behaviour is very well re-
produced for the two alloys and the two different load-
ing paths. It must be emphasized that the influence of
the crystallographic texture (that is the anisotropy of the
material) is nicely captured by the model. Uniaxial creep
tests favor prismatic slip, whereas internal pressure tests
tend to a higher activation of secondary slip systems,
thus resulting to a much smaller deformation, as ob-
served experimentally and by the simulation. One im-
portant result of the identification procedure is that we
obtain for both alloys the same parameters a = 1.5 and
Hy = 375 MPa for the description of the hardening ki-
netic. This result is consistent with the experimental
evidence that niobium in solid solution does not affect
the involved slip modes (Section 3). The same type of
dislocation interactions can thus be expected in both
alloys. Besides, a stronger latent than self-hardening is
obtained with again a unique Q, value (Qy = 1.9) for
both alloys, which is close to the one observed experi-
mentally for two prismatic slip systems [30]. The values
of the initial and saturating reference shear stresses for
alloys A and B are reported in Table 3. It is observed

Table 3
Initial and saturating reference shear stresses for Zr-Nb1%-O
alloys A and B

P(a) I1,{(a) B(a) IT; (c + a)
Alloy A
it (MPa) 31 59 62 136
% (MPa) 63 84 86 150
Alloy B
7t (MPa) 41 62 89 176
5t (MPa) 90 93 134 200

that the ratio t*3/7™, for a given slip mode, is almost
invariant between alloys A and B. This is consistent with
the unique hardening kinetic found above and with
TEM observations showing identical activations of slip
systems in both alloys. The identification leads to an
increase of the initial and saturating reference shear
stresses in alloy B for all slip systems and particularly it
can be noted that a gap of about 30 MPa, between both
alloys, for the saturating value of the prismatic reference
shear stress is obtained. This variation of the reference
shear stresses between both alloys represents in a phe-
nomenological way the solid solution hardening which
has been shown to be the predominant mechanism (see
Section 3). The gap of about 30 MPa is in good agree-
ment with the hardening exhibited at low strain rates
(Fig. 12(a)). Therefore, although relations (1) and (3)
clearly present a phenomenological aspect, the obtained
parameters reconcile an accurate prediction of the ef-
fective responses and a correct description of the local
physical deformation processes. This result is confirmed
by a recent analysis of residual stresses by neutron dif-
fraction [31]. Interestingly, it can be noted that the
hardening kinetic obtained for Zr—Nb1%-O alloy is very
similar to the one reported by Castelnau et al. [23] for
the behaviour of Zr 702 alloy at large strain and Brenner
[1] for the thermal creep of Zircaloy-4, in the ‘low tem-
perature’ domain (7/7T,, <0.3 with T}, the melting tem-
perature). This result tends to show that, in this
temperature range, the interactions between different slip
systems are rather independent on the chemical com-
position for these usual Zr alloys.

5. Conclusion

The creep responses of two Zr-Nb1%—O alloys have
been investigated in details. The two alloys exhibit
identical crystallographic textures, grain size, grain
shape, and chemical composition. They only differ by the
thermal cycles during the elaboration process, alloy A
being elaborated at low temperature whereas for alloy B
thermal treatments alternate below and above the
monotectoid temperature. It has been shown that alloy
B deforms by creep about 4 times slower than alloy A.
Mechanical tests and TEM observations show that this
difference cannot be attributed to the alignment of the -
Nb precipitate phase observed in alloy B. Additional
heat treatments, combined with an X-ray analysis, show
that alloy B is not in a thermodynamical stable state, due
to the slow precipitation kinetic of the B-Nb phase
during cooling. This result is confirmed by the creep
response of the heat-treated alloy B, which presents a
viscosity intermediate between alloy A and B in their
initial state, and by TEM X-ray spectrometry which
gives a higher Nb content of about 0.1% in the o-Zr
phase for alloy B. Our results thus strongly suggest a
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hardening effect due to solute Nb atoms in the o-Zr
matrix to explain the differences between both alloys.
The applied scale-transition model, based on an affine
formulation for non-linear elastoviscoplastic behaviour,
has been shown to capture properly the dependence of
the creep response on the loading path direction. The
parameters of the local constitutive relation, including
an anisotropic and saturating hardening law, are in good
agreement with the experimental observations and de-
scribe phenomenologically the microstructural effects
observed. In particular, we found out that both alloys
present an identical hardening kinetic, a result consistent
with the experimental evidence that different Nb con-
tents in solid solution does not affect the involved slip
systems. Alloy B exhibit a saturating reference shear
stress for prismatic slip about 30 MPa higher than
alloy A.
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Appendix A. Micromechanical model for heterogeneous
elastoviscoplastic materials

Let us assume that the average strain rate & in a
phase (r) at a given time ¢ is given by

B(1) = s:6,(t) + 8(0, (1)) (A1)

with o, and 6,, respectively, the average stress and stress
rate in phase (r), s the elastic compliance and g the vi-
scoplastic flow law. Note that here, g only results from
the physical process of dislocation glide on particular
crystallographic planes, but in a more general problem,
g can also account for irradiation creep and growth with
no additional difficulties. To be able to apply classical
homogenization tools, it is necessary to linearize rela-
tion (A.1). Following [15], the linearized form of &,.(¢) is
given, for any time ¢ and a given linearization time (, by

6(0) =s:6,(6) +m(6,(0)) : 6,(t) + 80, 1) (A2)

with m = 0g/0s. Roughly speaking, (A.2) is an affine
linearization of the local behaviour (A.1) incorporating
the hereditary nature inherent to the elastoviscoplastic
behaviour. The linearized behaviour can be written in
the more convenient form of a Stieljes convolution
product denoted x, i.e.

&(t) = q(¢,0) x a(t) + &((, 1),
q(¢,t) =s+m({)r. (A.3)

The obtained linear constitutive law is thus of (linear)
maxwellian type with eigenstrain. To obtain the ho-
mogenized properties at time ¢ = {, the correspondence
principle [32] can be applied. For that goal, the use of
the Laplace-Carson (LC) transform of (A.3) is partic-
ularly convenient. It leads to

&(p) =4a((,p) : 6,(p) + (. p),

Q(0p) =s+ })mm, (A4)

where f denotes the transform of the function fand p is
the complex variable. In the LC space, (A.4) thus defines
a symbolic thermoelastic behaviour to which homoge-
nization schemes apply. The effective symbolic compli-
ance Q and eigenstrain E° are thus classically given by

Qt.p) = (at.p) : B(L.p)),

~ ~ (A.5)

E'((,p) = <’By(Cvp) : é?(é7p)>7
where B, is the symbolic stress average concentration
tensor over phase r. It can be determined using the Es-
helby’s solution of the inclusion problem [13]. Regarding
the ‘granular’ microstructure of the polycrystal, i.e. all the
phases are on the same footing, the self-consistent scheme
is applied. It implies that each inclusion is embedded in an
infinite medium whose compliance is the one of the ho-
mogeneous equivalent material. Finally, it is necessary to
perform the inversion of the obtained symbolic responses
6, and &,. In our approach, we approximate this inversion
using a generalization of the work of Schapery [33]. It is
emphasized that this scheme differs, as explained in [17],
from the former approach of Turner et al. [34] for the
description of both transient and steady-state regimes.
Particularly, it can be noted that this earlier proposition
was restricted to power-law viscoplastic flow rule with an
uniform stress sensitivity in the material.
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